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This study investigates the low-cycle fatigue of Nimonic105 alloy 

with boron and zirconium of 0.003-0.013 wt.% and 0.0-0.16 wt.%, 

respectively at 750 °C. The fatigue test results indicated that the alloy 

with boron of 0.013 wt.% had the highest fatigue life of 400 cycles, 

while the base alloy showed the lowest fatigue life of 21 cycles at 

2% strain amplitudes. For the alloy with 0.16 wt.% Zr, and the alloy 

with 0.08 wt.% Zr and 0.006 wt.% B, cyclic-hardening occurred at a 

constant slope. Then, hardening followed a nonlinear procedure at a 

reducing rate. Finally, softening and fracture happened. For 0.013 

wt.% Zr alloy, however, the diagram reached a stable state or slow 

cyclic-softening and failed after a relatively short period of cyclic -

softening. The Coffin-Manson equations’ parameters verified the 

increased flexibility due to the addition of B. to be a factor in 

improving high-temperature LCF strength. The investigation of the 

samples’ fracture surfaces indicated that the intergranular fracture of 

the base alloy with the lowest fatigue life became intergranular and 

transgranular fracture in the alloy with 0.16 wt.% Zr content and the 

alloy with 0.08 wt.% Zr content and 0.006 wt.% B contents. Also, 

0.013 wt.% B alloy with the highest fatigue life showed a completely 

transgranular fracture. 
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1. Introduction 
Nickel-based superalloys have widely been 

employed in the construction of gas turbines. 

Nimonic105 supper alloy is one of the most used the 

nickel-based alloys in the gas turbine industry [1]. It 

considerably improves the hot tensile properties, 

strength, and creep resistance, as compared to the 

previous grades of the same superalloy groups, 

including Nimonic 80A and Nimonic 90 [2, 3]. It is 

of particular importance to investigate the properties 

and service life of blade superalloys, depending on 

whether the turbines are ground or non-ground, and 

on their function conditions. According to [4, 5], the 

service lives of ground and non-ground turbines’ 

blades are determined based on low-cycle (LCF) 

fatigue and creep, respectively. 

Generally, materials may undergo cyclic-softening or 

cyclic-softening under LCF tests at high 

temperatures, depending on the loading conditions. 

Fatigue-subjected materials typically reach stability 

and fracture after cyclic-softening or cyclic-

softening. Hardening and softening arise from 

microstructural variations [6- 8]. The temperature, 

loading rate, and microstructure are among the most 

important factors affecting cyclic-softening and 

cyclic-softening [9]. The microstructural properties 

of superalloys change due to warming for a long time 

at high temperatures under operating conditions. 

According to studies, nickel-based superalloys’ (111) 

planes as sliding bands, γ ׳/ γ eutectic phase, voids and 

carbides, casting defects, and oxidation locations 

serve as crack nucleation locations at low 

temperatures. Superalloys are subjected to plastic 

deformation or creep deformation in the low-cycle 

high-temperature fracture mechanism. As a result, 

fatigue cracks resemble creep (grain boundary) 

cracks arising from continuous voids and carbides in 

grain boundaries. Plastic deformation is dominant, 

transgranular fracture occurs at low temperatures and 

high strains. Fatigue cracks typically have surface 

origins [10-14]. Antalovic et al. [15] investigated the 

high-temperature LCF of Rene 77 alloy at 927 °C. 

The results demonstrated that the grain boundary 

properties and matrix- and precipitate-induced crack 

growth were the two main factors in determining the 

high-temperature LCF life. Environmental effects 

could play important roles in both cases. Gayda et al. 

[16] studied the effects of B and Zr on the fatigue 

properties of Waspaloy superalloy at 650 °C. The 

results revealed that B and Zr improved the fatigue 

life and reduced the LCF crack growth rate by 

decreasing the grain size and enhancing the alloy’s 

flexibility. 

Sayou et al. research in the years 2004-2006 [17-20] 

evaluated the effects of B on the LCF properties of 

IN 718 superalloy. They found that B caused 

preferential separation in grain boundaries. A rise in 

the B content at the ambient temperature showed a 

small effect on the LCF life enhancement of IN 718 

alloy. However, an increase in the B content to 100 

ppm improved the alloy’s LCF life at 650°C. The 

results also showed that B increased the strength of 

grain boundaries, changing intergranular fracture into 

the transgranular fracture and leading to a lower 

crack growth rate. Although numerous studies 

investigated the effects of B and Zr on the creep 

properties of superalloys [21-25], few studies 

evaluated the effects of B and Zr on the fatigue 

properties of superalloys. Hence, the present study 

investigates the effects of B and Zr on the high-

temperature LCF behavior, nucleation locations, and 

fatigue growth path of Nimonic 105 superalloy. 

 

2. Experiment Procedure 
Four Nimonic 105 alloy types with different B and Zr 

contents were melted and purified in a VIM furnace 

and an ESR furnace, respectively. The resultant 

billets underwent hot rolling after homogenization. 

The chemical composition of the alloys was 

determined by optical emission spectroscopy (OES) 

for the main elements and inductively coupled 

plasma (ICP) for B and Zr, as reported in Table 1. 

Dissolution annealing was performed for 16 hours at 

1060°C, followed by air cooling. Then, the samples 

underwent aging at 850 °C for 16 hours. The high-

temperature LCF samples were prepared according to 

the ASTM E606 Standard for rolling. The samples 

were of a gauge length, gauge width, gauge 

thickness, and length of 9, 6, 3, and 80 mm, 

respectively. High-temperature LCF tests were 

performed in the form of consecutive tensile-tensile 

cycles. In each cycle, a strain higher than the elastic 

strain limit was applied at the total strain ranges of 

1%, 1.5%, and 2% at 750 °C, followed by returning 

to zero strain. Controlled-strain tests (i.e., a constant 

strain variation range) were performed at a stress 

ratio of R=0 and the strain rate of 3*10-2s-1 in the 

atmospheric conditions.  

 
Table 1. The B and Zr contents (wt.%) of the alloys. 

Ni Zr B C Mo Ti Al Co Cr Elements 

Bal. 0 0.003 0.14 5.05 1.05 4.86 20.04 14.96 Base alloy 

Bal. 0 0.013 0.15 4.84 1.21 4.03 20.25 14.78 B 

Bal. 0.16 0.003 0.14 4.87 1.15 4.63 20.21 14.79 Z 

Bal. 0.08 0.006 0.16 4.95 1.17 4.52 20.08 14.83 BZ 
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After standard heat treatment at 850 °C for 16 hours, 

some samples underwent overaging at 750 °C for 500 

hours to analyze the effects of B and Zr on the 

microstructures during high-temperature and long-

term service. Then, high-temperature LCF tests were 

performed at a total strain range of 2% and a 

temperature of 750 °C. The microstructures of the 

samples were evaluated by an Olumpys optimal 

microscope and the scanning electron microscopes of 

SEM, VEGA, and TESCAB equipped with an EDS 

analyzer. 

 

3. Results and discussion 

3.1.  Microstructures and precipitated phases 
Fig. 1 represents the microstructures of Nimonic 105 

alloys with different B and Zr contents after standard 

aging at 850 °C for 16 hours. The microstructure of 

the four alloys includes M23C6 and MC carbides as a 

continuous film in grain boundaries and large MC 

block carbides. B atoms cause the continuous 

morphology of M23C6 carbides in the base alloy to 

change discontinuously and separately in the grain 

boundaries of alloys B and BZ, as shown in Figs. 

1b,c.  

  

 

 
Fig. 1. The SEM image of the microstructure of Nimonic 105 alloy after aging for 16 hours at 850°C, a) the base alloy, 

b) alloy B, c) alloy BZ and d) alloy Z. 

 

According to Fig. 1, there are primary and secondary 

'γ  phases with large and small sizes in the alloys’ 

structures. The primary 'γ  phase forms with a larger 

size after hot rolling and has sufficient opportunity to 

grow in different heat treatment stages. The 

secondary 'γ  phase, on the other hand, forms in the 

last aging stages. The addition of B and Zr reduces 

the primary 'γ  content but increases its size. The 

effects of B and Zr on the microstructure of this alloy 

were perfectly studied in [26].  
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3.2.  High-temperature LCF in the presence 

of B and Zr 
Fig. 2 illustrates the LCF test results for the four 

alloys at a strain range of 2% and a temperature of 

750 °C. As can be seen, except for alloy B with a 

0.013% B content, the alloys initially showed a 

relatively extensive period of cyclic-hardening but 

then underwent cyclic-softening and fracture at the 

strain range of 2%. Hardening and softening arise 

from microstructural changes. For all three alloys, 

hardening initially followed a constant rate but then 

began to continue nonlinearly at a reducing rate. The 

microstructural changes that cause cyclic-hardening 

in these alloys occurred according to Ref. [27, 28]. 

 Increased density and collision of dislocations 

(Lomer-Cottrell junctions or the formation of jogs in 

screw dislocations, leading to sessile dislocations), 

and 

 The collision of dislocations and carbide 

precipitates (i.e., MC and M23C6) and the joining 

effects on the dislocations (i.e., the joining of 

dislocations by carbides).

 

 
Fig. 2. The LCF results at 750 °C and a strain range of 2%. 

 

Cyclic-hardening can result from the collision of 

dislocations with each other or with carbide 

precipitates. As a result, to maintain the applied 

strain, it is required to increase the flow stress to 

release dislocations from obstacles or create new 

dislocations, leading to the rise of sessile 

dislocations, hardening the alloy matrix, and creating 

initial hardening with an almost linear and constant 

slope. MC and M23C6 carbides cannot be cut by 

dislocations [28]. As a result, strength improves due 

to the presence of the carbides and thus, the creation 

of dislocations in the particle-matrix interface (for 

coarse blocks’ carbides) and joining of dislocations 

in the light of their interaction with precipitates. This 

procedure was observed for the base alloy and alloys 

Z and BZ, with the difference that a lower cyclic-

hardening was observed in alloys Z and BZ, which 

could be due to the change of planar and coarse TiC 

carbides into fine and block C carbides (Ti, Zr) in the 

presence of Zr (Fig. 1d) and the interruption of 

continuous (Cr,Mo)23C6 carbides in the presence of B 

(Fig. 1b).  

However, the coherence destruction of 'γ  precipitates, 

which happens as they enlarge, is the most important 

reason for cyclic-softening. As coherence disappears, 

the cutting of participles by dislocations becomes 

easier. The continuous movement of dislocations in a 

regular lattice during cyclic strains generates atom 

irregularity around precipitates, contributing to the 

enhancement of cyclic-softening. The recovery of 

dislocations during fatigue tests is another procedure 

involved in cyclic-softening. This effect becomes 

larger over time. Recovery is a dynamic process of 

the destruction and re-arrangement of dislocations 

[29]. Then, the stress quickly declines due to the 

formation and rapid growth of cracks.  

For alloy B, however, the diagram reaches stability 

after a relatively short cyclic-hardening period. By 

affecting continuous M23C6 carbides and changing 

them into discontinuous block carbides, B 

considerably reduced the cyclic-hardening of the 

alloy; cyclic-hardening arising from γʼ  precipitates 

and cyclic-hardening due to the collision of 

dislocations and carbides came to equilibrium. Figs. 

3 and 4 demonstrate cyclic stress range curves versus 

the number of cycles at different total strain ranges 

for the base alloy and alloy B, which represented the 

lowest and highest fatigue life, respectively. 
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Fig. 3. Cyclic stress range curves versus the number of cycles at different total strain ranges for the base alloy. 

 

 
Fig. 4. Cyclic stress range curves versus the number of cycles at different total strain ranges for alloy B 

 

Fig. 5 shows the Coffin-Manson curves of the base 

alloy and alloy B. The logarithmic variations of the 

mean plastic strain range versus the logarithmic 

number of cycles are represented. The fatigue 

flexibility coefficients and fatigue flexibility of the 

two alloys can be calculated by the Coffin-Manson 

relation and the curve tangent. Table 2 provides the 

two parameters’ values. The fatigue flexibility 

coefficient also reflects tensile test flexibility to some 

extent and verifies increased flexibility due to adding 

boron in Alloy B to be a factor that improves LCF 

strength. Table 3 represents the tensile test results of 

the two alloys at 750 °C. The grain boundaries are 

weaker at higher temperatures, and grain boundaries 

serve as crack nucleation and fracture locations. As a 

result, the ductility of the base alloy with continuous 

M23C6 carbides in grain boundaries is considerably 

lower than that of alloy B. The enhancement of B 

content improved ductility by affecting grain 

boundaries. By separation on grain boundaries, B 

increases strength, reduces the boundary energy, and 

improves ductility. B also improves ductility by 

improving the morphology of M23C6 carbide 

precipitates into block carbides and reducing the size 

of grains. 
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Fig. 5. The Coffin-Manson curves of the base alloy and alloy B. 

 

Table 2. The Coffin-Manson parameters of the base alloy and alloy B. 

fatigue ductility coefficient fatigue ductility exponent Alloy No. 

0.154 -0.38 Base 

0.318 -0.28 B 
 

Table 3. The tensile properties of the base alloy and alloy B at 750°C and strain rate of 0.1 min-1. 
Elongation 

(%) 

Youngʼs Modulus 

(GPa) 

Ultimate Tensile 

Strength (MPa) 
Yield Strength (MPa) Alloy No. 

16.7 201 883.3 690.5 Base 

29.9 161 1006.5 753.8 B 

 

3.3.  The fracture surface in the presence of B 

and Zr 
The fracture surfaces and microstructures’ side 

sections were investigated to analyze the fatigue 

cracks’ nucleation locations and growth. The 

strongly-oxidized fracture surfaces of the samples 

implied the oxidation effect. In LCF, cracks begin in 

the form of transgranular cracks on the surface. The 

surface sliding and oxidation of grain boundaries are 

associated with the formation of fatigue cracks at 

high temperatures. In fact, sliding bands with high 

dislocation activities can serve as a penetration path 

for oxygen into grain boundaries [30]. However, the 

fatigue crack growth path can change, depending on 

the microstructure.  

Fig. 6a shows the base alloy’s fracture surface at a 

total strain of 2%. The destruction mechanism is 

merely determined by grain boundary oxidation, and 

no reason was observed for the fracture of the 

samples due to mechanical work or the proliferation 

of dislocations (i.e., Fatigue striations). Fig. 6b 

verifies that fatigue crack nucleation began with the 

oxides of the surface and grain boundaries, and the 

intergranular crack path continued as the surface 

cracks reached the grain boundaries and the crack 

path boundary oxidized. This path has the lowest 

fatigue life.  

Fig. 6c illustrates the fracture surface of alloy B at a 

total strain of 2%. Fatigue striations imply that 

fatigue crack growth was the main cause of 

destruction in alloy B. The non-smooth and dimpled 

surfaces in Fig. 6c and transgranular cracks in Fig. 6d 

suggest that ductile crack growth occurred. In alloy 

B, transgranular fatigue cracks began to form on the 

surface due to the formation of surface sliding bands, 

and the crack growth continued transgranular as the 

adhesion of grain boundaries increased due to the 

elimination or reduction of grain boundary defects 

and thus, the reduction of the boundary energy and 

prevention of oxygen penetration into the boundaries.  

The fatigue striations in the fracture surface of alloy 

BZ in two close locations indicate the crack 

nucleation did not occur at only one place but began 

in several places, as shown in Fig. 6e. The smooth 

surfaces shown in Fig. 6f imply that abrupt crack 

growth caused the ultimate fracture.  

Fig. 6g depicts the fatigue fracture surface of Alloy Z 

at a strain of 2%. Not only surface-near fatigue 

striations but also internal defect-induced crack 

nucleation and growth locations can be seen – the 

large dimples in Fig. 6g and internal cracks and voids 

in Fig. 6h. According to Fig. 7, crack nucleation and 

growth began in the interface of the matrix and 

carbide phase (ZrC). The meeting of surface and 

internal cracks can further reduce fatigue life, as 

compared to alloys B and BZ. The smooth surfaces 

in Fig. 6h demonstrate that abrupt crack growth 

caused the ultimate fracture. 
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Fig. 6. The fatigue fracture surfaces and side section surfaces of a) the base alloy, b) base alloy, c) alloy B, d) alloy B, 

e) alloy BZ, d) alloy BZ, g) alloy Z, and h) alloy Z at 750 °C and a strain of 2%. 
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Fig. 7. The fatigue fracture surface of alloy Z along with EDS analysis results at 750 °C and a total strain of 2T 

 

Thus, fatigue cracks begin as transgranular cracks on 

the surface of alloy Z. Then, the penetration of 

oxygen into the boundaries changed the transgranular 

cracks into intergranular cracks. However, unlike in 

the base alloy, precipitates resisted intergranular 

crack growth and made the fatigue cracks to be 

branched. As a result, alloy Z showed a larger fatigue 

life than the base alloy. The smooth surfaces of alloy 

Z are larger than those of alloy BZ. Thus, a longer life 

is expected for alloy BZ than for alloy Z.  

Fig. 8 illustrates the fracture paths of the base alloy 

and alloy B. As can be seen, the base alloy has a 

relatively straight fracture path, while the fracture 

path of alloy B is non-straight. Once sliding along a 

group of {111} planes shifts to another group, the 

crack growth paths become jagged [30]. As can be 

seen in Fig. 8b, crystallographic facets form during 

crack growth, causing zigzag crack growth paths. 

However, no crystallographic facets are seen in the 

base alloy in Fig. 8a. The differences in fracture 

surface properties between the samples arise from 

microstructural properties, such as 'γ  precipitates and 

MC carbides.  

 

   
Fig. 8. The fracture path of Nimonic 105 superalloy after LCF tests at 750°C and a strain range of 2% for a) the base 

alloy, and b) alloy B. 

 

A) 'γ  precipitates: The interaction between the 'γ  

phase and dislocations in the plastic zone in front of 

crack tips influences the crack growth path. In 

general, small 'γ  precipitates are cut by dislocations, 

and dislocations pass through large 'γ  precipitates by 

forming an Orowan loop. The cutting mechanism 

changes into the mechanism of bypassing precipitates 

as the deposit size rises and reaches the critical value 

of rc. Geometrically, the cutting model is useful for 

forming crystallographic facets (i.e., zigzag crack 

paths). Thus, shifting from cutting to bypassing due 

to the increased size of the 'γ phase causes the fracture 

path to becoming smooth [31]. The critical radius for 

the change of the dislocation passage mechanism is 

calculated as follows: 

rc=b/δ                                                                                       (1) 

where b is the Burgers vector’s size, while δ is the 

misalignment of precipitates and the matrix. The 'γ  

particles are cut by a/2<110> dislocations on {111} 

planes [32]. Once the crystalline lattice constant is 

known, the Burgers vector’s size can be calculated as 

follows: 

|𝑏| =
𝑎

2
√(𝑢2 + 𝑣2 +𝑤2)                                                (2) 
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Asqary et al. [26] examined the XRD analysis of 

Nimonic 105 superalloy along with the lattice 

constant of the γ phase and the misalignment of the γ 

and 'γ  phases in the presence of B and Zr. By 

calculating the Burgers vector for the base alloy and 

alloys B and Z, the critical radius can be calculated 

for 'γ  precipitates, as shown in Table 4. 

 
Table. 4. The critical radii of dislocation passage mechanism’s shift from cutting to bypassing for 'γ  precipitates. 

Z B Base alloy Type alloy 

0.3464 0.3499 0.3459 a(nm) 

0.4220 0.4629 0.3951  %δ  

0.2449 0.2474 0.2446 b(nm) 

58 53 61 rc(nm) 

 

Given that all four alloys contained primary and 

secondary 'γ  phases and given the approximate sizes 

of the precipitates, as shown in Fig. 1, it can be 

concluded that dislocations passed through coarse 

primary 'γ  precipitates by forming Orowan loop and 

cut fine secondary 'γ  precipitates. Given that the 

surface fraction of primary 'γ  precipitates was larger 

in the base alloy than in alloys B and Z, B and Zr 

reduced the contribution of the dislocation passage 

mechanism by reducing the primary 'γ  deposit 

content and enhancing the contribution of deposition 

cutting mechanism by enhancing the stability of 

secondary 'γ  precipitates.  

B) MC carbides: Dislocations aggregate near coarse 

carbide phases since it is difficult for dislocations to 

pass through carbide phases. The stress concentration 

due to aggregated dislocations in the non-coherent 

interface of the carbide phases and matrix accelerates 

the diffusion of cracks. Large dimples on the fracture 

surface (Fig. 6g) form due to transgranular and 

intergranular carbides and thus, the non-coherence of 

the interface and matrix. Fig. 7 depicts such carbides 

along with the EDS analysis results. The zigzag crack 

growth paths close roughness-induced cracks. Thus, 

changes in the size, type, and morphology of 'γ  

precipitates and carbide change the crack-closing 

effect. As a result, the crack growth rate is affected.  

Another mechanism proposed to improve the fatigue 

lives of alloys by adding B and Zr can be considered 

to be associated with grain boundary strength 

enhancement. Enhanced grain boundary strength 

reduces the grain boundary cracking tendency at high 

temperatures. The fracture surfaces in Fig. 6a for the 

base alloy demonstrate intergranular crack growth. 

Secondary cracks can also be observed along the 

grain boundaries in Fig. 6b. The lower fatigue life of 

alloy Z than that of alloy B can also be related to the 

formation of hard MC carbides that have a non-

coherent interface with the matrix and grain 

boundaries [33]. Such carbides can provide locations 

for the beginning and proliferation of micro-cracks. 

Carbide phases easily become non-coherent in the 

interface and leave longitudinal dimples (Fig. 6g) in 

the grain boundaries and crystallographic planes 

immediately after sufficient strain is provided by 

sliding. Carbides with a non-coherent interface 

accelerate crack diffusion and reduce the likelihood 

of a change in the crack diffusion direction. For alloy 

B, however, a transgranular fraction with fatigue 

grooves is observed in Fig. 6c. The sections in Figs. 

6d,f imply that a rise in the B content changes 

intergranular fracture into the transgranular fracture, 

suggesting that grain boundaries are more 

intergranular crack-resistant in the presence of B. 

Furthermore, since intergranular cracks grow 

considerably more rapidly than transgranular cracks, 

the addition of B improves fatigue life. The change 

from the intergranular crack fracture into the 

transgranular crack fracture by enhancing the B 

content proves that the largest contribution of B 

added to Nimonic 105 is the improvement of the 

grain boundary strength.  

In addition to the fracture type, several secondary 

cracks on the base alloy’s surface in Fig. 7 

demonstrate that B and Z also influence void 

nucleation and crack formation. B and Zr prevent 

oxygen in grain boundaries. In the absence of B, the 

presence of oxygen in grain boundaries and the 

formation of interfaces with weak bonding energy 

make small voids stable, reducing the stress required 

for void formation. However, the increased B content 

in grain boundaries along with oxygen prevention 

increases the bonding energy between atoms, making 

the formation of voids at higher stresses possible 

[34].  

 

3.4. Overaging cycle and LCF at 750°C 
The overaging cycle was performed on aged alloys 

for 500 hours at 750 °C to simulate service 

conditions. Fig. 9 shows the SEM images of the 

alloy’s microstructures after 500 hours of overaging 

at 750 °C. Table 5 provides the grain sizes and 

carbide volume fractions of the aged and overaged 

alloys. In addition to the increased grain sizes of the 

alloys that can be observed by comparing Fig. 9 to 

Fig. 1, the M23C6 carbides of alloys B and BZ became 

thicker than pre-aging carbides. However, they are 

still discontinuous, and agglomerates can be 

observed in the structure. Also, in addition to grain 

boundary M23C6 carbides, transgranular M23C6 
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carbides can be seen in alloy B. Furthermore, in 

addition to continuous carbides in grain boundaries, 

acicular σ phases can be observed within grains and 

around MC carbides in the base alloy and alloy Z. 

Fig. 10 represents LCF results for the alloys after 500 

hours of overaging at 750  °C and a strain range of 

2%. The variations of the diagrams are similar to 

those of the diagrams in Fig. 2, with the difference 

that the alloys have shorter lives. The entire alloys 

have higher cyclic-hardening and thus, resists larger 

stresses. This can be due to the increased grain size. 

As the grain size rises, sliding becomes more 

heterogeneous, and local sliding increases, enhancing 

cyclic-hardening. Moreover, the increased carbide 

deposit size and volume fraction are effective in 

improving the cyclic-hardening of alloys. However, 

in comparison to standard aging in Fig. 2, the cyclic 

cyclic-hardening of alloy Z considerably increased, 

which can be attributed to the presence of the acicular 

σ phase.  

 

 
 

 
Fig. 9. The SEM images of the microstructures after 500 hours of overaging at 750°C for a) the base alloy, b) alloy Z, c) 

alloy B, and d) alloy BZ 

 
Fig. 10. LCF results at 750 °C and a strain range of 2% after 500 hours of heat treatment. 
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Table 5. The deposit grain size and volume fractions versus the B and Zr contents in Nimonic 105 superalloy. 

Type alloy 

grain size (µm) volume fractions carbides 

Aging 

850°C-16h 

Aging 850°C-16h 

Overaging 750°C-500h 

Aging 

850°C-16h 

Aging 850°C -16h 

Overaging 750°C -500h 

Base alloy 96±10 157±10 3.01±0.7 5.51±0.7 

B 90±21 130±18 3.07±0.5 4.65±0.2 

Z 80±6 153±10 3.67±0.7 4.98±0.8 

BZ 78±11 162±6 4.16±1 5.30±0.5 

 

Fig. 11 illustrates the fracture surface of alloy Z. The 

fracture surface can be divided into three zones: A) 

crack nucleation, B) crack growth containing several 

dimples, and C) complete grain boundary fracture. 

Zone B shows the dimples of different phases on the 

fracture surface of alloy Z. Round dimples cause 

transgranular carbide fracture and misalignment of 

the interface and matrix. The dimples arose from the 

acicular σ phases. Cracks can be observed for both 

types of dimples. The σ and MC phases easily 

become misaligned in the interface immediately after 

sufficient stress is provided by sliding, leaving long 

dimples. The TCP phases and MC carbides along 

with the misaligned interface accelerate crack 

diffusion, reducing the likelihood of a change in the 

crack diffusion direction. 

  

 
Fig. 11. The fracture surface of the base alloy after 500 hours of heat treatment at 750°C and a total strain of 2% (black 

arrows determine round dimples, while white arrows show stretched dimples). 

 

4. Conclusion 
 The low-cycle fatigue (LCF) results at 750°C 

revealed that alloy B had the longest fatigue live, 

followed by alloys BZ, Z, and the base allow, 

respectively.  

 For the base alloy and alloys Z and BZ, hardening 

initially occurred at a constant rate but then began to 

continue nonlinearly at a reducing rate. For alloy B, 

however, the diagram reached steady state, and 

fractured after a relatively short period of cyclic-

hardening. By affecting continuous M23C6 carbides 

and changing them into discontinuous block 

carbides, B considerably decreased the cyclic-

hardening of alloy B.  

 The fatigue flexibility coefficients and fatigue 

flexibility of the base alloy and alloy B were obtained 

by the Coffin-Manson relation and the Coffin-

Manson curve’s tangent. The fatigue flexibility 

coefficient indicated that improved flexibility due to 

adding B is a factor in improving LCF strength.  

 The investigation of the base alloy’s fracture 

surface at a total strain of 2% indicated that the 

destruction mechanism was merely determined by 

grain boundary oxidation, and no reason was 

observed for the fracture of the samples due to 

mechanical work or the proliferation of dislocations 

(fatigue striations).  

 The fatigue striations in the fracture surface of 

alloy B at a strain of 2% implied that fatigue crack 

growth was the main cause of destruction. The non-

smooth and dimpled surfaces on the fracture surface 

of alloy B demonstrated that ductile crack growth 

occurred.  

 The fatigue fracture surface of alloy Z at a strain 

of 2% revealed that not only surface-near fatigue 

striations but also internal defects were crack 

nucleation and growth locations. Crack nucleation 

and growth began in the interface of the matrix and 

carbide phase (ZrC). The meeting of surface and 

internal cracks could further reduce the fatigue life of 

alloy Z, as compared to alloy B. 

A 

C 
 

                   B 

20 μm 
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 The formation of acicular σ phases after 500 hours 

of overaging at 750°C in the base alloy and alloy Z 

enhanced their cyclic-hardening and reduced their 

fatigue lives.  
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